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Abstract
Screw dislocation cross-slip is important in dynamic recovery of deformed
metals. A mobile screw dislocation segment can cross slip to annihilate an
immobile screw dislocation segment with opposite Burgers vector, leaving
excess dislocations of one kind in a crystal. Previous studies have found that
the cross-slip process depends on both the local stress state and dislocation
line length, yet a quantitative study of the combined effects of these two
factors has not been conducted. In this work, we employ both dynamic concurrent atomistic-continuum (CAC) [L. Xiong, G. Tucker, D.L. McDowell,
Y. Chen, J. Mech. Phys. Solids 59 (2011) 160–177] and molecular dynamics
simulations to explore the shear stress- and line length-dependent screw dislocation cross-slip in face-centered cubic Ni. It is demonstrated that the CAC
approach can accurately describe the 3-D cross-slip process at a significantly
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reduced computational cost, as a complement to other numerical methods.
In particular, we show that the Fleischer (FL) [R.L. Fleischer, Acta Metall.
7 (1959) 134–135] type cross-slip, in which a stair-rod dislocation is involved,
can be simulated in the coarse-grained domain. Our simulations show that
as the applied shear stress increases, the cross-slip mechanism changes from
the Friedel-Escaig (FE) [B. Escaig, J. Phys. 29 (1968) 225–239] type to the
FL type. In addition, the critical shear stress for both cross-slip mechanisms
depends on the dislocation line length. Moreover, the cross-slip of a screw
dislocation with a length of 6.47 nm analyzed using periodic boundary conditions occurs via only the FL mechanism, whereas a longer dislocation with
length of 12.94 nm can cross-slip via either the FE or FL process in Ni subject
to different shear stresses.
Keywords: Multiscale simulation, atomistic simulation, cross-slip, FCC
metal, plastic deformation
1. Introduction
Cross-slip of screw dislocations is important for dynamic recovery of metals because it helps dislocations escape from obstacles and in annihilating
each other at the end of stage II work hardening [1]. Without cross-slip,
the dislocation density and work hardening rate would not be reduced sufficiently, resulting in a less ductile material that breaks at a smaller strain.
Cross-slip is also involved in the process of dislocation bypass of preciptates
[2] and voids [3], affecting the obstacle strengthening. Among many possible
cross-slip mechanisms [4], including the Washburn model, the Schoeck-Seeger
model, the Duesbery model, and the Püschl model, the Friedel-Escaig (FE)
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[5] and Fleischer (FL) mechanisms [6] are usually considered the most prominent [7]. In the FE mechanism, the leading and trailing partial dislocations
in a short segment of a screw dislocation are recombined before folding over
to and re-dissociating on the cross-slip plane; the resulting cross-slipped segment acts as a nucleus, facilitating other segments to switch to the cross-slip
plane as well. According to the FL mechanism, with the help of a stairrod dislocation 1/6 h110i [1], the leading and trailing partial dislocations can
simultaneously exist on the secondary and primary planes, respectively; in
other words, the stacking faults need not fully constrict at the plane intersection [8]. In face-centered cubic (FCC) systems, atomistic simulations reveal
that the detailed process of dislocation cross-slip is determined by a complex
local stress state [9].
The dominating mechanism in a given cross-slip process depends on many
factors. According to atomic scale simulations of cross-slip in FCC crystals,
the FL mechanism is favored in the low temperature, high-stress limit, while
the FE mechanism is favored in the high temperature, low-stress limit [10].
For example, a significant amount of dislocations cross slip via the FL mechanism as they propagate through the grain in a nanocrystal subject to a
uniaxial tensile stress of 1.6 GPa [11]. Previous NEB calculations in Al show
that there exists a critical dislocation line length below which a dislocation
segment cross-slips via the FL mechanism, whereas a segment with length
above this follows the FE model [7]. In Cu and Ni, which have a lower energy
barrier to cross-slip, most atomistic simulations predict the FE mechanism
[12, 13]. Nevertheless, based on atomistic simulatoins at 0 K, Duesbery [14]
found that cross-slip in Cu via the FL model is possible, provided that the
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driving force is large enough. The coupled influences of applied shear stress
and dislocation line length on the cross-slip process, especially in the competition between the FL and FE mechanisms, have not been quantified, to
the best of our knowledge.
In this paper, we employ both concurrent atomistic-continuum (CAC)
[15, 16] and molecular dynamics (MD) methods to simulate the cross-slip process of a single screw dislocation using periodic boundary conditions (PBCs)
in FCC Ni. A CAC model, in general, contains a fully resolved atomistic domain and a coarse-grained atomistic domain, in both of which the nucleation
and propagation of dislocations and intrinsic stacking faults are addressed
using a unified atomistic-continuum integral formulation that relies on the
underlying interatomic potential as the only constitutive relation [17]. For
dynamic CAC, atomic positions and velocities in the fully atomistic domain
are updated following the same rules as in MD; in the coarse-grained domain,
a finite element implementation with first order Gaussian quadrature is used
to calculate the force on the integration points, whose positions, for a second
nearest neighbor (2NN) element, are given in Ref. [16]; then the force at the
integration points is used to calculate the force on the nodes, which is then
employed to obtain the position and velocity of the nodes at the next time
step [15, 18]. Finally, the positions of atoms within each element are linearly
interpolated at the end of each step from the nodal positions, which are in
turn adopted to update the force on the integration points [16].
The non-singular dislocation core structure/energy and Burgers vector
are naturally accommodated in CAC to yield an accurate generalized stacking fault energy (GSFE) surface [16], stress profile, and Peierls stress [19],
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without special treatment to remove the singularities of stress and energy at
core center, which is needed in dislocation dynamics (DD) [20, 21]. The success of previous calculations in FCC pure metals [22, 23, 24, 19] suggests that
CAC is able to simulate dislocation glide. On the other hand, the cross-slip
process by which a screw dislocation moves from one slip plane to another
has been observed in CAC simulations [25], yet not analyzed quantitatively.
Emphasis in this paper will be placed on (i) how the resolved applied shear
stress affects the cross-slip mechanism, and (ii) whether the same dislocation
line length-dependence of cross-slip observed for Al applies to Ni. The critical shear stress for cross-slip, which plays an important role in plasticity in
crystalline metals, will also be calculated as a function of the dislocation line
length. From the methodological viewpoint, we will show the viability of using CAC simulations to accurately model 3-D screw dislocation cross-slip, as
a complement to fully resolved atomistic modeling [26], DD [27], crystal plasticity finite element method [28], ab initio simulations [29], Peierls-Nabarro
type of model [30, 31], and line tension theory [32, 33].
2. Methods
Figure 1 presents the simulation cell for a single screw dislocation crossslip in a FCC Ni single crystal. The lattice orientations are x[11̄2̄], y[110],
and z[11̄1]. With the lattice parameter a0 = 3.52 Å, the simulation cell has
a size of 67.18 nm by 77.66 nm by 68.51 nm. We remark that the same
cell is employed in all simulations, except that there are finite elements in
the CAC model, as will be described in Section 2.1. In both CAC and MD
simulations, the embedded-atom method (EAM) potential of Mishin et al.
5
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[34] is employed for the interatomic force/energy in Ni because the evaluated
GSFE is close to the experimentally measured value.
2.1. CAC model
3D rhombohedral elements are used in the coarse-grained domain in the
CAC model [15], with surfaces corresponding to {111} slip planes and the
jagged interstices of elements at the periodic boundaries filled in with atoms
[16], as shown in Fig. 2. Neither displacement continuity nor interelement
compatibility is required with this integral formulation [16]. In the coarsegrained domain, all partial dislocations shown in Fig. 2(a–b), on either the
primary or the cross-slip plane, contain no pre-existing kink because the [110]
dislocation line direction is aligned with the element edge. There is no jog
along any dislocation either. This suggests that the CAC model agrees with
the classicial cross-slip process without influences of kinks and jogs [13].
In the coarse-grained domain, a uniform element size with cases varying
from 125 to 4913 atoms per element is adopted. On the one hand, a larger
element size, Nape , results in a smaller number of elements, Nele . On the other
hand, a model with a larger element size requires a larger number of atoms
to fill in at the periodic boundaries. The net effect is that there exists an
element size corresponding to which the number of degrees of freedom (DOF)
NDOF = 8Nele + Natom is minimum, where 8 comes from the fact that each
full
element has 8 nodes. As shown in Table 1, the smallest NDOF /Natom
= 4.87%

with Nape = 1331. In Fig. 1, the length of the dislocation line in one periodic
cell Ld = Ly = 77.66 nm, where Ly is the length of the simulation cell
along the y direction. To explore the effect of Ld , cases with Ly of 6.47 nm,
12.94 nm, 25.88 nm, 38.83 nm, 51.76 nm, and 64.71 nm, respectively, are also
6
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investigated, while the length of the simulation cell along both the x and z
axes remain unchanged.
Table 1: The number of elements Nele , number of atoms Natom , number of degrees of
freedom NDOF , and the ratio of NDOF to the number of atoms in a fully resolved atomistic
full
simulation Natom
= 32, 902, 272, with varying number of atoms per element Nape . It is
full
found that the value of NDOF /Natom
is not a monotonic function of Nele .

Nape

125

343

729

1331

2197

3375

4913

Nele

258,483

93,280

43,369

23,658

14,218

9,183

6270

Natom

591,897

907,232

1,286,271

1,413,474

1,665,326

1,909,647

2,097,762

NDOF

2,659,761

1,653,472

1,633,223

1,602,738

1,779,070

1,983,111

2,147,922

full
NDOF /Natom

8.08%

5.03%

4.96%

4.87%

5.41%

6.03%

6.53%

2.2. Atomistic model
An equivalent full atomistic model is constructed by incorporating the
same atoms in the atomistic domain of the CAC model and interpolating
positions of individual atoms from the nodal positions of each element in the
coarse-grained domain in the CAC model, i.e.,
Rk = φkξ xξ

(1)

where φkξ is the trilinear interpolation function, xξ and Rk are the positions
full
of node ξ and atom k, respectively, as shown in Fig. 2(c). There are Natom
=

32, 902, 272 atoms in the equivalent full atomistic model, which would be
highly computationally intensive.
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2.3. Dynamic simulations using both CAC and atomistic models
The problem common to most fs-scale time step dynamic methods, such
as MD or dynamic CAC, is the difficulty to capture rare events such as
thermally activated cross-slip [35]. Thus, simulations must be carefully designed to capture cross-slip in reasonable wall time. Here, we follow Kang
et al. [9] and introduce a straight screw dislocation with Burgers vector
b = (a0 /2)[110] on the primary plane (1̄11); PBCs are applied along both
the x and y directions to simulate an array of evenly spaced, infinitely long,
initially straight dislocation lines. The boundaries normal to the z axis are
assumed traction free, which doesn’t strongly affect the line tension of a
screw dislocation [36]. After energy minimization, a homogeneous simple
shear strain zy is applied, mainly on the cross-slip plane (11̄1) and with a
small projection on the primary plane, following the idea of Schoeck and
Seeger [37]. Note the shear strain is applied within one time step, to avoid
the sensitivity of the cross-slip mechanism to strain rate [11]. Then the
shear stress is maintained constant under an NPT ensemble at 10 K using
a Parrinello-Rahman barostat [38] with time step of 2 fs [25]. Independent
simulations with an increment of shear stress ∆τzy = 10 MPa are conducted
such that the critical shear stress τc is the minimum stress subject to which
the cross-slip event is observed within 50 ps. In some cases with a certain
combination of τzy and Ld , a full atomistic simulation, i.e., MD simulation, is
performed with the same time step and temperature. We find that the critical stresses determined by low temperature dynamic simulations are close
to those calculated by quasistatic simulations, via either quasistatic CAC
or molecular statics (MS), yet the dynamic simulations reveal the detailed
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cross-slip process.
We emphasize that although the length scale of material volume explored
in this work is accessible by classical MD, this is highly computationally
expensive to pursue. We will show that CAC simulations can accurately
describe the cross-slip process, with a significantly reduced computational
cost. To identify dislocations in the coarse-grained domain in the CAC model,
the atomic positions are interpolated from the nodal positions before they
are processed by the adaptive common neighbor analysis (a-CNA) [39] using
OVITO [40]. Some runs are completed using Comet and Bridges on the NSF
Extreme Science and Engineering Discovery Environment (XSEDE) [41].
3. Results and discussion
Throughout the remainder of this paper, the superscripts ‘pr’ and ‘cs’ are
used to distinguish the primary and cross-slip planes, whereas the subscripts
‘lead’, ‘trail’, and ‘sr’ refer to the leading partial, trailing partial, and stairrod dislocations, respectively.
3.1. Dislocation dissociation
In both atomistic and coarse-grained domains, a full screw dislocation on
the primary plane is dissociated into two 30◦ Shockley partial dislocations,
i.e.,
1
1
1
pr
a0 [110]pr → a0 [121̄]pr
lead + a0 [211]trail
2
6
6

(2)

which is energetically favorable according to Frank’s rule [20]. The force per
unit length on a partial dislocation can be obtained by the Peach-Koehler
(PK) formula: F = (b · σ) × t, where σ is the applied shear stress tensor
9

√
whose only non-zero components are τyz and τzy , t = (1/ 2)[110] is the unit
tangent vector of the dislocation line. It is found that as the two partials
have Burgers vector with the same screw but opposite edge components, the
applied stress acts on the screw components to translate the stacking fault
ribbon rigidly, while on the edge components to compress the ribbon [4].
On the cross-slip plane, the same full dislocation splits into a different set
of two 30◦ Shockley partials, i.e.,
1
1
1
cs
a0 [110]cs → a0 [211̄]cs
lead + a0 [121]trail
2
6
6

(3)

where the stacking fault ribbon is expanded by the Escaig stress [5] on the
edge components of the partials according to the PK formula.
A dislocation extraction algorithm (DXA) [42] is employed to distinguish
the FE mechanism, in which the dislocation is fully constricted at the plane
intersection, from the FL mechanism, in which a stair-rod dislocation is
formed at the intersection. The DXA is based on a discrete Burgers circuit integral over the elastic displacement field and is able to distinguish a
fully constricted dislocation with Burgers vector (a0 /2) h110i from a stair-rod
dislocation with Burgers vector (a0 /6) h110i.
3.2. Cross-slip via the Fleischer (FL) mechanism
As stated before, the FE mechanism requires the two Shockley partials
to be fully constricted at the plane intersection, before the full dislocation
is re-dissociated onto the cross-slip plane. Conceptually, such a process can
be well accommodated in CAC because both partial and full dislocations are
on {111} planes. Indeed, a screw dislocation segment changing its slip plane
via the FE mechanism have been presented in our previous CAC work [23,
10

ACCEPTED MANUSCRIPT

25]. The FL mechanism, however, involves a stair-rod dislocation (a0 /6)[1̄10]
on (001) plane, which doesn’t belong to the set of {111} planes exhibited
between elements (Fig. 2). Thus, a question arises as to whether the FL
mechanism can be simulated in the coarse-grained domain in CAC.
In a perfect lattice without a dislocation, as illustrated by a 2-D model
in Fig. 3(a), four nodes (labeled A, B, C, and D), each of which belongs to
a different element, are located adjacent to each other. Then at the plane
intersection, denoted by the black cross in Fig. 3(a), the leading partial on
the primary plane bpr
lead splits into a stair-rod dislocation bsr and the leading
partial on the cross-slip plane bcs
lead , i.e.,
1
1
1
cs
a0 [121̄]pr
lead → a0 [1̄10]sr + a0 [211̄]lead
6
6
6

(4)

which is illustrated in Fig. 3(b), where the overall Burgers vector bpr
lead is
exhibited by displacing the node B while fixing the other three nodes. It
follows that the trailing partial on the primary plane bpr
trail reacts with bsr to
form the trailing partial on the cross-slip plane bcs
trail , i.e.,
1
1
1
cs
a0 [1̄10]sr + a0 [211]pr
trail → a0 [121]trail
6
6
6

(5)

which is illustrated in Fig. 3(c) and the resulting Burgers vector is bcs
trail .
In the end, the trailing partial glides on the cross-slip plane, away from
the plane intersections, leaving behind the perfect lattice in Fig. 3(d). In
Fig. 3(b–d), node B is displaced by the black arrow in each subfigure while
the other three nodes are fixed; after Fig. 3(d), node B is restored to its
original position shown in Fig. 3(a) — in other words, the vector sum of the
three black arrows in Fig. 3(b–d) is zero.
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ACCEPTED MANUSCRIPT

In the procedure described above, worth further discussion is the movement of node B along the [1̄10] direction on the (001) plane: the corresponding displacement is left after the leading partial dislocation on the cross-slip
plane bcs
lead glides away, i.e., after Eq. 4, but before the trailing partial dislocation on the primary plane bpr
trail reacts with the stair-rod dislocation bsr ,
i.e., before Eq. 5. At first glance, node B moving on a (001) plane is contradictory to the assumption that only {111} planes exist between elements in
the coarse-grained domain. Nevertheless, such a process is possible because
node B (i) can move along any direction with respect to the other three nodes
and (ii) only moves by a very short distance (a0 /6)[1̄10] such that it doesn’t
overlap with the neighboring elements; moreover, each element in the coarsegrained domain in CAC is a nonlocal hyperelastic body and overlap between
elements is impossible [16]. In other words, the stair-rod dislocation is formed
by both sliding and separation of the node B with respect to the other three
nodes, as shown in Fig. 3(e). Although the structural reconstruction is more
limited in the coarse-grained domain than in the atomistic domain, moving
node B by a short distance doesn’t require a much higher stress, as will be
discussed in Section 3.3.
3.3. Applied shear stress-dependent cross-slip
The applied shear stress τzy has a small projection on the primary plane,
pr
τzy
= τzy cos θ, to overcome the Peierls stress σP and drive dislocation glide,

where θ = 70.53◦ is the acute angle formed between the primary and crosspr
slip planes. Thus, τzy
= (1/3)τzy .

The critical shear stress for the cross-slip via the FE and FL mechanisms
are denoted as τcFE and τcFL , respectively. In the case of Ld = 77.66 nm, the
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following events are observed as τzy increases:
pr
1. τzy
< σP : the dislocation on the primary plane doesn’t move;
pr
2. τzy
≥ σP and τzy < τcFE : the dislocation on the primary plane moves

toward the negative z direction without cross-slip;
3. τcFE ≤ τzy < τcFL : the dislocation on the primary plane cross-slips via
the FE mechanism;
4. τzy ≥ τcFL : the dislocation on the primary plane cross-slips via the FL
mechanism.
The snapshots of dislocation cross-slip via the FE and FL mechanisms are
shown in Fig. 4 and Fig. 5, respectively, for both MD and CAC simulations
with Nape = 1331, in the case of Ld = 77.66 nm. For the FE mechanism, segments near the center of the dislocation line, indicated by arrows in Fig. 4(a)
and (d), bow out first. As a result, curved dislocations glide on the cross-slip
plane. Note that it is not the bowing of the dislocation, but the expansion of
the stacking fault ribbon on the cross-slip plane or reduction in enthalpy, that
supplies the driving force [5, 43]. For the FL mechanism (Fig. 5), the whole
dislocation line folds over the plane intersection altogether, with the help of
a stair-rod dislocation. In both MD and CAC, the critical shear stress for
the FE mechanism is always smaller than that for the FL mechanism, i.e.,
τcFE < τcFL , because the creation of a stair-rod dislocation in the FL process is more energetically expensive than the recombination of two partials
in the FE process [44]. Moreover, the FE mechanism has a limited stress
regime(∼ 40 MPa), above which the cross-slip follows the FL process. This
suggests that (i) the interpretation of atomistic simulations of cross-slip in
terms of mechanism should be made carefully and (ii) near-threshold shear
13
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stress needs to be applied to promote the FE process.
For both mechanisms, the CAC simulations accurately give the key characteristic of the cross-slip, yet the critical shear stresses are higher than MD
results, as shown in Fig. 6. Dislocations are less relaxed in the coarse-grained
domain such that (i) a higher stress is required to form the stair-rod dislocation and (ii) compressing or expanding the stacking fault requires a higher
Escaig stress [16]. However, we note that the trends are monotonic and
convergent with regard to coarse-graining error. The finding that cross-slip
is easier to operate based on MD simulations agrees with the fact that the
cross-slip is favored when the applied stress increases the width of the stacking fault ribbon in the cross-slip plane while decreasing it on the primary
plane [4]. Nevertheless, we emphasize that (i) the relative error in τc bep
tween MD and CAC with 3 Nape = 11, i.e., Nape = 1331 which has the
fewest DOF according to Table 1, is about 8.09% and 7.86% for the FE and
FL mechanisms, respectively, and (ii) both τc converge to the atomistics as
the elements become smaller and contain fewer atoms, as shown in Fig. 6.
The level of stress predicted from our CAC and MD simulations for crossslip is at GPa level. Although this is comparable to that from MD simulations
in the literature [9, 45], it is significantly higher than that in experiments in
FCC pure metals. There are two major reasons that may contribute to the
overestimation of the critical stress:
1. In this work, the shear strain is applied to the CAC and MD models
and the process is stress-driven and largely athermal. Cross-slip typically occurs in these simulations within a few picoseconds, and is not
thermally activated. The reaction pathway for the thermally activated
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cross-slip process is well-preserved, on the other hand. As a consequence, the critical stress predicted from CAC or MD is much higher
than the measurement in traditional low-strain-rate experiments at
much longer times during which thermal fluctuations have high enough
probability to drive cross-slip. This does not mean that the simulations
in this paper are in any way inaccurate or aphysical — they simply reflect the limiting case of essentially athermal, stress-driven cross-slip
along the same reaction pathway. In the current CAC approach, the
time step size is established based on the requirements of the fully
atomistic domain to ensure accuracy. To reduce the strain rate in
these dynamic simulations, a multi-time-scaling algorithm is required
to increase the time step in coarse-grain domains and is the subject of
ongoing work.
2. In experiments, dislocation density is relatively high and cross-slip occurs with the influence of dislocation interactions and internal stresses
in contrast to the case of cross-slip of an isolated screw dislocation
considered in our simulations. As such, the critical cross-slip stress
predicted in this paper is expected to provide an upper bound.
3.4. Dislocation line length-dependent cross-slip
We then study the cross-slip process for different dislocation line lengths,
Ld , as shown in Fig. 7. When Ld > 20 nm, dynamic CAC simulations
with Nape = 1331 are carried out; otherwise MD simulations are performed.
Because of the difference in τzy between MD and CAC, an analysis of the
variation of τzy as a function of Ld is more meaningful within each type of
simulation. It is found that as Ld increases, both τcFE and τcFL decrease. This
15
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suggests that, like in Al [7], the energy barrier for cross-slip in Ni is dislocation line length-dependent. Moreover, MD simulations show that while
both FE and FL types of cross-slip operate at different τzy in the case of
Ld = 12.94 nm, the dislocation only cross-slips via the FL mechanism for
Ld = 6.47 nm. In comparison, we note that (i) Kang et al. [9] observed
dislocation cross-slip via the FE mechanism for Ld = 10.56 nm in Ni using
NEB and (ii) the critical dislocation line length between the FE and FL
mechanisms is 6.3 nm in Al [7].
4. Conclusions
In this paper, dynamic CAC and MD simulations are performed to study
the shear stress- and line length-dependent screw dislocation cross-slip in
FCC Ni. Results are summarized as follows:
1. At a significantly reduced computational cost, CAC simulations can
accurately describe the pathway of the cross-slip process via both FE
and FL mechanisms as obtained via MD, as well as predict reasonably
accurate critical shear stresses for cross-slip operation.
2. In the case of a dislocation of length 77.66 nm subject to a constant
applied shear stress of increasing values, the following events operate
consecutively: (i) the dislocation begins to move once the resolved
shear stress on the primary plane overcomes the Peierls stress, (ii) the
dislocation cross-slips via the FE mechanism, and (iii) the dislocation
cross-slips via the FL mechanism. This suggests that the cross-slip
process is applied shear stress-dependent.
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3. The dislocation cross-slip mechanism, manifested by the relevant critical shear stress, is also line length-dependent. In particular, the FE
mechanism is not observed for a short dislocation line of 6.47 nm, but
for a longer dislocation of 12.94 nm. Moreover, a longer dislocation line
has a slightly lower critical shear stresses for cross-slip operation.
We remark that both the low temperature dynamic and quasistatic simulations can only calculate the critical stress for an event, e.g., dislocation
gliding, cross-slip, but not its energy barrier [46]. The nudged elastic band
(NEB) method [47], which has been employed to quantify the activation energy of cross-slip [9, 7, 13, 48, 49], can be applied with CAC to explore the
energy barrier and more detailed minimum energy pathway for much more
extended dislocations at the submicron and micron scales. We also note that
only the bulk dislocation cross-slip via an acute angle is investigated in this
paper. Other types of cross-slip, such as surface and intersection cross-slip
[27], via an obtuse angle, which has a higher activation energy and, for the
FL mechanism, a stair-rod dislocation of (1/6)[200] type [6], will receive our
future attention. The issue of screw dislocations cross-slip in a single pile-up,
which involves a length scale inaccessible to classical atomistic simulations,
will be explored using CAC as well — such a simulation is expected to provide
an important input to the higher scale theory or simulation tool.
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Figure 1: Simulation cell for dislocation cross-slip. (a) A single screw dislocation splits
into two 30◦ Shockley partial dislocations on the primary slip plane (1̄11). (b) Subject
to a shear strain zy , the screw dislocation switches to the cross-slip plane (11̄1) and is
dissociated into another set of two Shockley partials.
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Figure 2: In a CAC model with Nape = 729, (a) only the coarse-grained domain with
discontinuous rhombohedral elements is shown and (b) atoms are filled in at the periodic
boundaries along both the x and y directions. (c) A 3-D rhombohedral element with
faces on {111} planes, the slip planes of FCC lattice. The positions of atoms within each
element, e.g., the green open circle, are interpolated from the nodal positions (red solid
circles).
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Figure 3: (a) A 2D illustration of four nodes (A, B, C, and D) belonging to adjacent
elements in a perfect lattice without a dislocation; the black cross denotes the line of
intersection between the primary and cross-slip planes. (b) According to Eq. 4, the leading
partial dislocation on the primary slip plane bpr
lead (black arrow) splits into the leading
partial dislocation on the cross-slip plane bcs
lead (green arrow) and a stair-rod dislocation
bsr (blue arrow). (c) According to Eq. 5, the trailing partial dislocation on the primary
plane bpr
trail (green arrow) reacts with the stair-rod dislocation bsr (blue arrow) to form the
trailing partial dislocation on the cross-slip plane bcs
trail . (d) The trailing partial dislocation
bcs
trail glides on the cross-slip plane away from the line of intersection, leaving behind the
same perfect lattice as in (a). Note that only the edge components of partial dislocations
are shown because their screw components are pointing outward along the positive y
direction. Atomic configurations of the dislocation folding over the plane intersection via
the FL mechanism in (e) the coarse-grained and (f) atomistic domains are also shown.
The four nodes (A, B, C, and D) and the cross in (e) correspond to those in (a).
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Figure 4: Cross-slip of a screw dislocation via the FE mechanism subject to a shear stress
of (a–c) 1.36 GPa in MD and (d–f) 1.47 GPa in CAC with Nape = 1331. The initial length
of the dislocation line in one periodic cell Ld = 77.66 nm. Segments near the center of the
dislocation line, indicated by arrows in (a) and (d), bow out first.
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Figure 5: Cross-slip of a screw dislocation via the FL mechanism subject to a shear stress
of (a–c) 1.4 GPa in MD and (d–f) 1.51 GPa in CAC with Nape = 1331. The initial length
of the dislocation line in one periodic cell Ld = 77.66 nm. Cross-sections of the dislocation
line at the center are shown, where CAC gives a wider stacking fault than MD.
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Figure 6: The critical shear stress τc for both FE and FL mechanisms as a function of
the number of atoms per element Nape in CAC simulations, compared with the results
obtained by MD simulations which are indicated by the horizontal lines. It is shown
that for both mechanisms, τc converges to the atomistics as the elements become smaller
and contain fewer atoms. The initial length of the dislocation line in one periodic cell
Ld = 77.66 nm.

30

ACCEPTED MANUSCRIPT

Figure 7: Dislocation behavior as a function of both the applied shear stress τzy and
dislocation line length Ld . It is found that with an increasing τzy , dislocatioan begins
to move but without cross-slip; at a higher τzy , it cross-slips via the FE or FL mechanisms. The critical stresses for cross-slip, τcFE and τcFL , are Ld -dependent. Note that when
Ld > 20 nm, dynamic CAC simulations with Nape = 1331 are carried out, otherwise MD
simulations are performed instead.
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