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Abstract
An amorphous/crystalline metallic composite (A/C-MC) integrates metallic
glass with crystalline metals in one system. The amorphous-crystalline interface (ACI) in A/C-MCs under deformation absorbs dislocations and may
fundamentally change the dilemma that the strength comes at the expense of
the ductility of a material. However, the development of such materials is still
at a trial and error stage due to the lack of a clear-cut understanding on how
the amorphous component become instable when a dislocation-mediated plasticity flows into the glassy phases. To meet this need, here we focus on gaining
the physical insights into the dislocation-ACI reaction in A/C-MCs through
atomistic simulations. We have (i) digitally resembled an interface structure
close to that in experiments by annealing melted metallic glasses at cooling
rates as low as ∼ 104 K/s; (ii) correlated the dislocation absorption events
with the activation of shear transformation zones (STZs) in A/C-MCs under a
plastic shear; (iii) identified the mechanisms responsible for a continuous dislocation absorption-induced instability in glassy phases; (iv) calibrated a set
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of constitutive relations, kinetic rules, and model parameters that can be used
in an effective temperature concept-based STZ theories at the continuum level;
and (v) characterized the local stress states ahead of the instability band and
lay the macroscopic-level glass instability criterion on a firm atomistic basis.
Our major findings are: (a) there exists a nanoscale structure transition at
the ACI when the cooling rate in the atomistic simulations is reduced to an
experimentally-comparable level; (b) the number of atoms participating in the
STZs exponentially increases with the number of dislocations arriving at the
ACI at an early stage of the dislocation-ACI reaction, but is linearly proportional to the number of absorbed dislocations at a later stage; (c) the dislocation
absorption-induced instability in metallic glasses occurs through a three-stage
process, i.e., the activation of STZs in the region between icosahedral (ICO)
clusters, the coalescence of newly formed STZs, and then the breakdown of
ICOs; (d) the model parameters in the continuum-level constitutive relations
and kinetic rules are found to be sensitive to cooling rates; and (e) the local
stress states ahead of the instability band in glassy phases map surprisingly
well with the Mohr-Coulomb criterion regardless of the applied stress at the
macroscopic level. The gained knowledge may provide a pathway of connecting
the atomistic deformation physics of an A/C-MC with its overall mechanical
performance, which is currently difficult to achieve in laboratory experiments.
Keywords: Dislocation, Shear transformation zone, Effective temperature,
Molecular dynamics, Multiscale simulations, Amorphous-crystalline metallic
composites

1. Introductions
In the search of strong and ductile materials, one strategy is introducing
interfaces, such as grain boundaries (GBs) [1, 2, 3, 4], twin boundaries [5, 6, 7],
or phase boundaries [8, 9, 10, 11], to resist dislocation motions. This strategy is
5

always accompanied by a decrease in material ductility although it does lead to
a significant enhancement in material strength [1, 2, 3, 4, 5, 6, 7, 8, 9, 10, 11].

2

In contrast, instead of blocking dislocations, inspired by the nature of biological
materials such as nacre [12] and dental enamel [13], an amorphous/crystalline
metallic composite (A/C-MC), which combines amorphous metallic glasses with
10

crystalline metals [14, 15, 16], introduces the amorphous-crystalline interfaces
(ACIs) to absorb dislocations. It has a potential to significantly expand the
strength-ductility envelope by facilitating a co-deformation near the ACIs. For
instance, a simultaneous high-strength and high-ductility [14, 15, 16] was recently realized in a typical A/C-MC, Cu/CuZr [14, 15, 16]. However, a rational
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design of such materials is not achieved yet due to the lack of a well-established
microstructure-property relationship. Correlating the complex material [15, 16]
microstructure of an A/C-MC with its overall performance is not trivial because its deformation mechanism is complicated and remains largely unclear.
The complexity of its mechanical behavior, especially the plastic deformation,

20

stems from the coupled dynamics between two distinct plasticity carriers: dislocations carry the plasticity in metallic crystals while the STZs, which comprise
a local shear among a small cluster containing ∼ 10-50 atoms, act as the plasticity carriers in metallic glasses. When plasticity flows from the crystalline into
the amorphous phases, dislocations hit the ACIs and activate STZs. This may

25

lead to the instability of a glassy phase by initiating a shear band. Clearly, in
order to establish the interrelationship between the microstructure, deformation
physics, and the overall performance of an A/C-MC, as a first step, the interplay
between dislocations and STZs needs to be characterized from the bottom up.
In the past decades, extensive experiments [15, 17, 18, 19, 20, 21, 22] have
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been conducted to examine the deformation behavior of A/C-MCs. One pioneering work using the transmission electron microscopy demonstrated that the
ACIs in A/C-MCs act as a high-capacity sink of dislocations [15]. Later on,
using a high-resolution transmission electron microscopy (HRTEM), Zhang and
his co-workers [17, 18, 19, 20, 21, 22] revealed that the absorbed dislocations
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not only activated the STZs, but also crystallized the amorphous phases. Recently, through a combined atom probe tomography and HRTEM analysis [22],
a dislocation absorption-induced mechanical alloying was also observed. Despite
3

these compelling experimental observations, there exists, however, no commonly
agreed explanation for the co-deformation of crystalline and amorphous phases.
40

One reason is that, the mechanistic insights were mainly extracted from the
post-mortem analysis in experiments. Due to the extremely short time scales
and the very small length scales, an in situ experimental study of the deformation processes at a buried ACI in A/C-MCs remains difficult, if not impossible.
Fortunately, experiments can be always supplemented with high-fidelity com-
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puter simulations. Especially, many current computer simulation tools may be
applicable to examine the spatiotemporal correlation between dislocations and
STZs in an A/C-MC on the fly of its deformation.
Historically, computer models at the continuum level have enjoyed the most
popularity for understanding how plasticity flows in materials. They concern

50

the macroscopic-level material behavior at a length scale which is much larger
than the characteristic size of a plasticity carrier. As far as the A/C-MCs are
concerned, a typical continuum model requires (i) constitutive relations and
kinetic rules for describing the continuous dislocation absorption-induced plasticity in metallic glasses; and (ii) a local strain- or stress-controlled criterion for

55

detecting a dislocation absorption-induced instability. In addition, due to the
limited resolution, the continuum-level computer model, e.g., a diffuse-interface
model [23] or a phase field model [24], for an A/C-MC always homogenizes the
material interface as an intermediate phase with a uniform thickness, modulus,
and strength in a phenomenological manner. The above two requirements of the

60

continuum computer models yield their limited power in predicting the deformation behavior of A/C-MCs, unless the rules for describing the dislocation-ACI
interactions are calibrated from a finer scale experiments or simulations.
This has motivated a large amount of molecular dynamics (MD) simulations [25, 26, 27, 28, 29] of A/C-MCs with a variety of aims to (a) describe
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its interface structure at an atomistic resolution [25]; (b) construct its deformation mechanism map at the nanoscale [26]; and (c) quantify the dependence
of its properties on the chemical composition and microstructures [27]. Although these MD simulations have largely advanced the understanding of the
4

deformation behavior in A/C-MCs, a gap between atomistic, experiments, and
70

continuum-level models still exists because: (1) there is a significant difference
between the cooling rates in simulated (109 K/s or above) and real (106 K/s
or below) glassy phases; (2) the information required by a continuum model,
i.e., the kinetic rules for the interplay between dislocations and STZs, as well
as the criterion for detecting the onset of a dislocation absorption-induced in-
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stability, is missing. This in turn, leads to a series of unanswered questions:
how does the short- and medium-range order (SRO and MRO) configure in an
amorphous phase when the atomistic model is prepared at an experimentallycomparable cooling rate? How will the SRO-MRO structures compromise with
the long-range order (LRO) of the adjacent crystals in A/C-MCs? How does

80

the microstructure of an amorphous phase evolve with the continuous dislocation absorption at the ACI? What is the correlation between the rate of STZ
formation and the number of the absorbed dislocations? Whether the instability of a glassy phase in an A/C-MC occurs under the same conditions as that
in a bulk glassy phase? What is the local stress state ahead of a continuous
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dislocation absorption, and how is it related with the Mohr-Coulomb criterion
[30, 31]? Can the Mohr-Coulomb criterion, which is widely used for the bulk
metallic glass instability, be applicable to predict the localized plastic events in
A/C-MCs under deformation? If so, on what length scales?
With an attempt of answering these questions, the rest of this paper is orga-
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nized as follows: in Section II, we introduce the chosen materials and the set-up
of the computer models, including the boundary conditions, the sample dimensions, as well as the interatomic force fields. In order to simulate a continuous
dislocation absorption-induced instability in metallic glasses, a loading strategy
of driving a sequence of dislocations to interact with an ACI at the same site

95

is introduced. Section III presents the simulation results. It mainly includes:
(i) the cooling rate dependence of the material microstructure; (ii) the threestage deformation processes responsible for the dislocation absorption-induced
plastic flow in A/C-MCs; (iii) the quantitative correlation between the number of dislocations absorbed by an ACI and the number of atoms participating
5
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the STZs; (iv) the calibration of constitutive relations and kinetic rules to be
used as inputs for describing the plasticity of metallic glasses in the effective
temeprature concept-based STZ theories; (v) the atomistic stress measurement
ahead of the tip of a shear instability using the Virial [32, 33] and also a recently developed mechanical stress formula [34, 35, 36]; and (vi) the calibration
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of a criterion that can be used for detecting a dislocation absorption-induced
instability in metallic glasses. Section IV summarizes the major finding of this
work. The limitations of the present simulations as well as the relevant future
research endeavor along this direction is also discussed.

2. Simulation details
110

In this work, Cu/CuZr is chosen as a model material because: (a) CuZrbased A/C-MCs exhibit a combined high-strength and high-ductility [15, 16, 17,
18, 19, 20, 21, 22, 25, 26, 27, 28, 29], making these alloys promising in engineering
applications; (b) Cux Zr1−x has a good glass-forming ability and is an ideal
system for computational studies because a wide range of compositions (0.2 <
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x < 0.7) can be made amorphous [37, 38]; (c) interatomic force fields, including
Finnis-Sinclair [39, 40] and embedded atom method (EAM) [40, 41, 42, 43]
potentials, are all well-developed and readily to be used in MD simulations of
glassy CuZr; and (d) extensive HRTEM experiments have been conducted to
examine the structure change in a deformed Cu/CuZr [15, 16, 17, 18, 19, 20, 21,
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22], which provides information for cross-validating the computational results.
All of these factors make the Cu/CuZr a good prototype for understanding how
plastic deformation occurs in A/C-MCs at a fundamental level.
Fig. 1a shows the computational set-up for simulating the dislocation-ACI
reactions in a bi-layered Cu/Cu64 Zr36 . This atomistic model combines a 90

125

nm-thick Cu with a 20 nm-thick Cu64 Zr36 layer. Here the Cu and Cu64 Zr36
layer thickness are set to be 90 nm and 20 nm, respectively, because: (i) a typical thickness ratio between Cu and CuZr layers in the multilayered Cu/CuZr
composites with an exceptional property [15] is found to be around 7:1; (ii) the

6

Figure 1: Atomistic simulation of the dislocation-ACI reaction in a bi-layered Cu/Cu64 Zr36 :
(a) the computational set-up; (b) potential energy of the Cu64 Zr36 as a function of the cooling
rates before its combination with the Cu layer. The red stars represent effective cooling rates
from the sub-Tg annealing.

primary focus of this work is to investigate how the instability in Cu64 Zr36 oc130

curs when it absorbs a sequential of dislocations at the same site of an ACI; (iii)
the Cu layer thickness needs to be sufficiently large for accommodating such a
number of dislocations, which are separated at an equilibrium spacing of ∼ 10
nm between each other; and (iv) the dislocations will be injected into the model
at the free end of the Cu layer using an indenter, which introduces a high local
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stress there. A set-up of Cu layer thickness at 90 nm may effectively reduce this
local stress-induced pollution on the dislocation-ACI reaction mechanism. The
sample is computationally prepared through three stages: (1) generate a small
glassy Cu64 Zr36 cubic cell containing ∼ 10, 000 atoms by quenching it from the
melting to 1 K; (2) construct a rectangular Cu64 Zr36 sample with a dimension
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of 110 × 10 × 20 nm3 by replicating the small glassy cubic cell along x, y, and
z directions. By this way, an atomistic model of one Cu64 Zr36 layer containing
∼ 3.4 × 105 atoms is built; (3) combine the annealed Cu64 Zr36 with a crystalline Cu slab (crystallographic orientation is shown in Fig. 1a). Thereafter,
the bi-layered Cu/Cu64 Zr36 simulation cell enclosing ∼ 2 million atoms is equili-
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brated for another ∼ 200 ps. The quenching and equilibration are performed in
an isothermal-isobaric ensemble under zero external stress, as implemented in
LAMMPS [44, 45]. The time-step is set to be 2 fs. A classical EAM potential [40]
that satisfactorily describes the glass microstructures of a CuZr system is used.

7

The temperature is controlled using the Nose-Hoover thermostat algorithm [33].
150

The sample is set to be finite along the x and y directions but periodic along the
z direction. Followed by the equilibration, a sequence of dislocations (Fig. 1a)
is introduced. Each dislocation has a Burgers vector of b =

a0
2 [110].

They are

generated by fixing one half of the Cu layer on the top left edge of the sample
while rigidly displacing the other half on the bottom left edge (Fig. 1a). In
155

details, in order to nucleate one single dislocation, the bottom left edge of the
sample is displaced by bS = a0
by a displacement of bS = a0

√

√

6
6

6
6

along the [21̄1] direction and then followed

along the [12̄1̄] direction. By this way, each

dislocation is in a full edge type but disassociates into a leading and a trailing
partial. Thereafter, the rigidly displaced atoms on the bottom left edge of the
160

sample remain to be fixed. Meanwhile, a constant shear stress of τxy = 0.5 GPa
is imposed to drive the dislocation migration towards the Cu/CuZr interface.
Such a procedure is repeated until 40 dislocations are injected, each of which
is followed by a relaxation period of 60 ps. This loading strategy is effective
for unraveling the mechanisms of a continuous dislocation-ACI reaction at the

165

same site in A/C-MCs.
In order to map an atomistic simulation-revealed mechanism to the overall performance of Cu/Cu64 Zr36 characterized in experiments, as a first step,
the amorphous Cu64 Zr36 in the computer model needs to be prepared at an
experimentally-comparable cooling rate (106 K/s or even below). Different from
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many existing MD simulations which use ultrahigh cooling rate (109 K/s or
above) [25, 26, 27, 28, 29], here we achieve the low cooling rates using a sub-Tg
algorithm [46, 47, 48]. The fundamental principle underlying the sub-Tg algorithm is: (i) when the system temperature, T, is well above the glass-transition
temperature, Tg , an amorphous phase can be relaxed within picoseconds. In

175

this temperature regime, a fast cooling rate of 1010 K/s or above is sufficient;
and (ii) when T  Tg , the experimentally-observed ultraslow physical aging of
an amorphous material is beyond the reach of atomistic cooling rates but can
be accessible through numerical annealing. In this work, using the sub-Tg algorithm, before combining it with Cu, a fully equilibrated amorphous Cu64 Zr36 is
8
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obtained through: (1) melting the Cu64 Zr36 at 2000 K; (2) cooling the melted
Cu64 Zr36 at a constant rate of 1010 K/s to slightly below its glass-transition
temperature, ∼ 700-800 K, in 120 ns; and then (3) annealing the sample isothermally for 300 ns and bringing it to a low temperature in another 80 ns until the
potential energy per atom in the Cu64 Zr36 system is −4.615 eV. According to

185

the extrapolation of a linear relationship between the atomic potential energy
and the cooling rate (Fig. 1b), this atomic-level potential energy corresponds
to an effective cooling rate of ∼ 106 K/s. The annealing in step-3 can be further extended towards an even lower potential energy for achieving an effective
cooling rate as low as ∼ 104 K/s. As demonstrated in [46], comparing with

190

many conventional atomistic simulations, the simulated microstructure of CuZr
system prepared through such a sub-Tg annealing procedure can resemble the
realistic microstructure of metallic glasses observed in experiments.

3. Results
3.1. Cooling rate-dependent atomic packing and interface structure
195

To investigate the cooling rate dependence of the microstructure in Cu/CuZr,
we prepare Cu64 Zr36 under five different cooling rates: 1013 K/s, 1011 K/s, 109
K/s, 106 K/s, and 104 K/s. Its local atomic packing is characterized using the
Voronoi tessellation method [42, 43, 49, 50, 51, 52]. The Voronoi tessellation
is a widely-used tool for determining the atomic packing in glassy materials.
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It divides a space into many polyhedrons, each of which is associated with an
atom, and is built through constructing the bisecting planes along the lines
joining the atom and all its neighbors. For each atom, its Voronoi polyhedra
cell will be noted as an index notation, hn3 , n4 , n5 , n6 i, where ni stands for
the number of faces with i edges in the Voronoi polyhedra. The sum of ni is
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the coordination number of the centered atom. For instance, h0, 2, 6, 4i refers
a polyhedron bounded by 2 quadrangles, 6 pentagons, and 4 hexagons. The
coordination number of the atom with such a Voronoi index will be 12. By this
notation, one typical SRO in metallic glasses is a collection of the atoms with a

9

Figure 2: The cooling rate-dependent microstructures in Cu64 Zr36 : (a) the atomistic configurations of the ICOs at a cross-section of the Cu64 Zr36 formed under a wide range of cooling
rates ranging from 1013 K/s to 104 K/s; (b) the population of ICOs as a function of the
cooling rates. The red stars represent the effective cooling rates from the sub-Tg annealing.

Voronoi index of h0, 0, 12, 0i, which is usually referred as a full icosahedra (ICO).
210

The centered atom in an ICO bonds with 12 neighbors. Such ICOs were found
to have a configurational energy of 8.4% lower than that of a dense-packed f.c.c.
or h.c.p. cluster [46, 53]. They form MROs through interpenetrating with each
other. Those MROs are believed to be the backbone of a metallic glass for
resisting the mechanical deformation [42, 43].

215

Fig. 2a shows the atomic-level configurations of the ICOs at a cross-section
in Cu64 Zr36 prepared at 1013 K/s, 1011 K/s, 106 K/s, and 104 K/s, respectively.
In Fig. 2a, each ICO is represented by a sphere and only the centered atoms are
displayed. The spheres are colored according to how each ICO shares a volume
with its neighbors to different degrees. Here we would like to clarify that,

220

to estimate the fraction of ICOs, only those Cu-centered ICOs which carry a
Voronoi index of h0, 0, 12, 0i are counted. In other words, only the red atoms in
Fig. 2a contribute to the fraction of ICOs presented in Fig. 2b. Those blue atoms
surrounding the red ones in Fig. 2a are not counted during the estimation of the
fraction of ICOs. Under this condition, the snapshots of the ICO configurations
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in Fig. 2a are seen to be consistent with its fraction estimation in Fig. 2b. A
cooling rate dependence of the ICO configuration can be clearly seen here: (i)

10

the ICOs in Cu64 Zr36 obtained at high cooling rates, e.g., 1011 K/s and above,
are low in population and isolated from each other; (ii) under the intermediate
cooling rates ranging from 108 K/s to 1010 K/s, they tend to connect with
230

each other and form strings, most of which are short in length and spatially
uncorrelated; and (iii) when the cooling rates are as low as 106 K/s or below, a
large amount of ICOs fall into the cutoff distance of their neighbors and organize
as interpenetrating networks. Clearly, when the cooling rates are reduced from
1013 K/s to 104 K/s, there exists a microstructure transition from the isolated
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ICO clusters to the ICO strings, and then to the cross-linked ICO networks
in Cu64 Zr36 . This result suggests that the reduction of a cooling rate enables
the system to arrive at lower energy states towards a more comfortable atomic
packing.
In Fig. 2b, the fraction of the ICOs, fico , is plotted as a function of the cool-
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ing rate, c. Here the fico is calculated as the ratio between the number of atoms
acting as the ICO centers (the red spheres in Fig. 2a) and the total number
of the atoms in the system. Fig. 2b shows that fico dramatically climbs from
∼ 7% to ∼ 40% when the cooling rate, C, changes from 1013 K/s to 104 K/s. In
parallel to the cooling rate-dependent ICO configurations as shown in Fig.2a,
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Fig. 2b demonstrates that the fico − C relation is linear but piece wised: (i)

when the cooling rate is reduced from 1013 K/s to 1010 K/s, fico increases from
∼ 8% to ∼ 15%, which corresponds to the connections of isolated ICOs and the
formations of strings; (ii) when the cooling rates are in the range between 108

K/s and 104 K/s, those newly formed ICO strings cross link with each other and
250

develop the three-dimensional ICO networks. At this stage, fico increases from
∼ 25% to ∼ 40%; and (iii) in between, i.e., when the cooling rates range from

1010 K/s to 108 K/s, fico changes from ∼ 15% to ∼ 25%. Based on the above
results, we believe that, for a metallic glass prepared under a wide range of
cooling rates, its atomic packing should not be simply considered to be linearly
255

proportional the cooling rates as suggested in [54]. Instead, the ICO configurations are formed through distinct mechanisms when the cooling rate falls into
different regimes. In the later sections of this paper, it is demonstrated that the
11

varieties of the ICO configurations in Cu64 Zr36 prepared under different cooling
rates leads to distinct kinetics on how they absorb the incoming dislocations.
260

Despite of that, it should be noticed that there exists a scatter about the cooling
rate dependence of the ICO fraction in the literature. Particularly, in atomistic
simulations, many aspects of the computer model, such as the chemical composition, the interatomic force field, the sample size, the boundary conditions,
and of course, the strategies of estimating the fraction of ICOs, may affect the
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atomistic simulation-predicted ICO density and distribution. Nevertheless, our
finding in Fig. 2b agrees well with the pioneering research results in [54], where
the fraction of Cu-centered ICOs with a Voronoi index of h0, 0, 12, 0i were found

to increase from 0.28 to 0.48 when the cooling rate is reduced from 1013 K/s to
1010 K/s. As such, we believe our observations in the Fig. 2b are qualitatively
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reasonable, although a quantitative experimental evidence is still in need for
validation.
When combined with Cu, the Cu64 Zr36 layer will be under a topological
constraint imposed by the abutting Cu crystals. The cooling rate-dependent
ICO configurations in the Cu64 Zr36 layer will in turn, give rise to a variety of
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interface structures in Cu/Cu64 Zr36 . Fig. 3 presents the atomic configuration
together with its atomic density profiles across the ACIs in Cu/Cu64 Zr36 prepared under 1011 K/s (Fig. 3a) and 106 K/s (Fig. 3b), respectively. Here the
atomic density is measured by uniformly partitioning the simulation box along
the x direction into bins, each of which has a finite volume of Vi = Dx ×Ly ×Lz .
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As suggested by Brandl and his co-workers in [55], the local atomic density in

Figure 3: The structure and the atomic number density profile near an interface in bi-layered
Cu/Cu64 Zr36 prepared under two typical different cooling rates: (a) 1011 K/s; (b) 106 K/s.

12

each bin (Dx = 0.03 nm) is calculated as q(x) = N (x)/(Dx × Ly × Lz ), where
Ly and Lz are the dimensions of the sample along the y and z directions. The
atomic density profiles in Fig. 3a and Fig. 3b can be divided into three characteristic regimes: (1) in the crystalline Cu domain far away from the ACI,
285

the periodic pattern appears. This pattern reflects the stacking of the atomic
planes in f.c.c. Cu; (2) in a finite-width transition region (indicated by the red
curves in Fig. 3a-b) nearby the ACIs, the atomic density peaks broaden and
the magnitude of those peaks decrease. This implies an increase of the atomic
spacing as well as the structure disorder; and (3) when the amorphous Cu64 Zr36
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is approached, those sharp peaks are fully broad (the inset pictures in Fig. 3a-b)
and oscillate around a constant value approximately. Quantitatively, similar to
a previous result in [55], Fig. 3 shows that the atomic number density in a Cu
layer is nearly 6 times that of amorphous Cu64 Zr36 . This, of course, does not
simply imply there exists such a huge mass density difference between Cu and
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Cu64 Zr36 because the atomic masses of Cu and Zr has not been included into
the formula of q(x). If the atomic masses are included, a distribution with a
comparable mass density between Cu and Cu64 Zr36 should be expected. Also,
under the current definition of q(x), the difference between the atomic number
density in Cu and Cu64 Zr36 is actually not a constant, and will depend on the
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bin size of Dx . We found that the atomic number density difference between
Cu and Cu64 Zr36 can be significantly reduced if Dx = 0.06 nm is used. However, no matter which Dx is used, a transition region (red curves) between Cu
and Cu64 Zr36 can be always identified, a structural and chemical gradient is
formed across the ACI. Such a transition region has a measurable extent and
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is obviously necessary for bridging the long-range-order in Cu with the SRO
and MRO in amorphous Cu64 Zr36 . This region is relatively sharp and spans
only ∼ 1 nm when the cooling rates are 1011 K/s (Fig. 3a), but has an island

structure spanning ∼ 2 nm when the cooling rate is 106 K/s (Fig. 3b). Such a
cooling rate-dependent interface structure can be rationalized as a consequence
310

of Zr migrations from the amorphous Cu64 Zr36 into the crystalline Cu phase
when the sample is cooled from melting to a low temperature. The results in
13

Fig. 3 suggest that lowering the cooling rates may bring a smoother interface
structure transition in Cu/Cu64 Zr36 . This is believed to be closer to a real
laboratory process at a long-time scale limit, where a migration of Zr into the
315

Cu layer occurs indeed. Therefore, although our atomistic simulation here precludes any long-range diffusional processes due to its limited timescales, it still
shows the possibility of manipulating the ACI structure in A/C-MCs through
a fine control of the cooling rates during the sample preparation.
3.2. Deformation mechanisms for the interplay between dislocations and STZs
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When the Cu/Cu64 Zr36 sample is under a plastic shear, its deformation
behavior will be fundamentally dictated by the synergetic coupling between
dislocations and STZs. To understand how the glassy phase accommodates
the strain heterogeneities brought by the incoming dislocations, in this section,
we provide the atomistic details of the dislocation-ACI reactions. We analyze
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the plastic flow in Cu/Cu64 Zr36 prepared under two cooling rates (1011 K/s in
Fig. 4a and 106 K/s in Fig. 4b). Fig. 4a-b show the atomic von Mises strain
together with the ICO configuration evolution in Cu/Cu64 Zr36 under shear.
Here the von Mises strain is extracted from the atomic Green-Lagrangian strain
tensor [56, 57]. It is based on the deformation gradient as a least-square fit to
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the atomic displacement vectors. The strain calculated in this way reflects the
topology change of the atomic clusters in materials under deformation. The
color scale in Fig. 4a-b indicates that the local von Mises strain ranging from
0.0 to 0.5 when the number of the dislocations arriving at the ACI increases
from 0 to 22.
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Meanwhile, in order to visualize the microstructure evolution in Cu64 Zr36 ,
the ICO centers (green particles in Fig. 4a-b) are also tracked. The time sequences of the snapshots in Fig. 4a-b demonstrate that, when dislocations are
absorbed at the ACI, the Cu64 Zr36 deform through a three-stage process: (i) at
the early stage, when the first 2 ∼ 3 dislocations arrive at the ACI, a few atomic
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clusters in the Cu64 Zr36 near the dislocation-ACI intersection experience an elevated strain at a level of ∼ 0.2 or above, indicating an onset of STZs without
14

Figure 4:

Snapshots from the atomistic simulations of the co-deformation of the crystalline

and amorphous phases in bi-layered Cu/Cu64 Zr36 prepared under a cooling rate of (a) 1011
K/s and (b) 106 K/s; (c) the correlation between the fraction of the atoms participating the
ICOs in Cu64 Zr36 and the number of the absorbed dislocations at the ACIs.

breaking the ICOs in Cu64 Zr36 . The plastic strain brought by the incoming dislocations diffuses into the glassy phases by activating STZs in soft spots. These
soft spots are the polyhedra located in between the ICOs. They usually have the
345

most uncomfortable topological and chemical environments, such as the polyhedra with Voronoi indices h0, 3, 6, 2i, h0, 4, 4, 3i, and h0, 2, 8, 3i, etc. In order to
accommodate the dislocation-mediated slip transfer across the ACI, those soft
spots serve as fertile sites for STZ activations. The distribution of STZs at this
stage is discontinuous and separated by the ICOs. It is believed that, the newly
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formed STZs in between the ICOs can promote the nucleation of other STZs
in the surrounding soft spots through an autocatalytic process as suggested in
[58, 59]; (ii) when the number of dislocations arriving at the ACI increases up
to 5, we still do not see a significant change in the ICO configuration. Rather,
we observe a coalescence of those newly formed STZs. It implies that, at this
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stage, the ICO networks remain the elastic backbone of the glassy phases. The
STZs connect with each other to carry the deformation by forming a channel of
plastic flow; (iii) upon a further loading, tens of dislocations are absorbed by
the Cu64 Zr36 . At this moment, the ICO skeleton in Cu64 Zr36 , cannot bear the
accumulated strain and starts to be broken.
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To further confirm the above three-stage deformation process, in Fig. 4c, we
plot the fraction of the atoms participating the ICOs as a function of the number
of the absorbed dislocations, Ndis . Here, we only monitor the ICO fraction evolution in a finite-sized region, rather than the whole amorphous Cu64 Zr36 layer.
This region is located ahead of the dislocation-ACI intersection. The width of
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this region is 1/4 of the whole amorphous layer thickness, which corresponds
to the saturated shear band width as listed in the third column of Table. 1.
During the dislocation absorption, the ICO configuration out of this domain
remains mostly unchanged, and are thus omitted. Fig.4c shows that: (a) the
fraction of ICOs slightly changes when Ndis < 5; and (b) the ICO fraction drops
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dramatically (from ∼ 25% to ∼ 20% in Cu64 Zr36 prepared at 106 K/s and from
∼ 10% to ∼ 7% in Cu64 Zr36 prepared at 1011 K/s) when Ndis increases from

5 to 15. The destruction of ICOs results in the increased population of the
compliant disordered clusters. This leads to the strain accumulation along a
preferential direction (Fig. 4a-b). Correspondingly, the atomic von Mises strain
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in Cu64 Zr36 organizes into a localization band which follows the direction of
the dislocation-mediated slip in Cu. Along this band, the strain is localized
and considerably high. The profile gradually becomes smooth comparing with
the discontinuous strain distribution at the early stage of the deformation. A
further plastic flow is then carried by the propagation of this strain localization
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band. Eventually, an offset, which shears the upper part of the material with
respect to the bottom part, is formed across the entire sample. In addition,
a comparison between Fig. 4a-b shows that, under the same plastic shear, the
deformation in Cu/Cu64 Zr36 prepared at 106 K/s (Fig. 4b) is carried by a narrower band. Within this band, the strain concentration is more severe than
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that in the sample prepared at 1011 K/s. It suggests that the capacity and efficiency of Cu64 Zr36 in absorbing dislocations are sensitive to its microstructure.
The glasses prepared at a lower cooling rate contains more ICOs and exhibits a
stronger propensity in activating STZs, which form a more localized band. We
envision that this result may find applications in supporting the development
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of ductile A/C-MC with a fine control of its microstructure through tuning its
16

Figure 5: The atomistic-simulation-predicted correlation between the number of the absorbed
dislocations and the fraction of the atoms participating the STZs in the whole amorphous layer.

thermal processing history. However, we are also fully aware that, due to the
limited length scales, the present atomistic model does not reproduce the fullscale material microstructure evolution, which actually spans from nanometers
to micrometers and even above.
395

Based on the above atomistic simulations, the number of the atoms participating STZs in Cu64 Zr36 can be correlated with the number of the absorbed
dislocations (Fig. 5a). Fig. 5a shows that such a correlation can be divided
into three characteristic stages: (i) at stage-I, when the number of dislocations
arriving at the ACI, noted as Ndis , is less than five, the number of the atoms

400

participating STZs, NSTZ , exponentially increases with Ndis . At this stage,
STZs mainly nucleate in the soft regions around the ICOs; (ii) at stage-II,
when 5 < Ndis < 15, the STZ coalescence occurs; and (iii) at stage-III, when
Ndis > 15, a shear band forms and starts to thicken. At this stage, NSTZ is
almost linearly proportional to Ndis . Also, the slope of the relationship between

405

NSTZ and Ndis at this stage is found to be sensitive to the cooling rates: the
higher the cooling rates, the larger the slope.
The present atomistic simulations can be also used to calibrate the continuumlevel kinetic rules, such as the formulation [60, 61, 62] based on a thermodynamic criterion for the interactions between plasticity and phase transformation
in multiphase materials or the shear-transformation-zone pulled front (STZ-PF)

17

Figure 6:

Informing the atomistic data into the kinetic rules at the continuum level: (a)

the snapshots of the shear band (yellow in color) morphology evolution during the dislocation
absorption into the Cu64 Zr36 prepared at 106 K/s; and (b) 1011 K/s; (c) the atomisticsimulation-data based relation between the applied shear strain, γ, and the normalized width,
w/L, for describing the shear band broadening in Cu64 Zr36 prepared at a variety of different
cooling rates.

model [63] for the shear band broadening in metallic glasses under deformation.
Particularly, in an STZ-PF model, the width of a shear band, w, in a deformed
metallic glass is related with the applied shear strain, γ, through [63]

r

r
w
w
w0
w0
3 LL
− 2+
1−
1−
(γ − γ0 ) ,
+ 2+
=
2
w∞
w∞
w∞
w∞
4 w∞

(1)

where w0 and γ0 are the initial width of a mature shear band and the critical
shear strain at which a mature shear band starts to be formed, respectively.
The two parameters L, and w∞ , are the instantaneous shear band length and
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the saturated band width, respectively.
Here we demonstrate how the obtained atomistic data can be used to calibrate these two parameters. In details, γ0 is chosen to be the critical shear
strain, which corresponds to a certain number of dislocation absorption when
a shear band cutting through the whole Cu64 Zr36 layer is formed (Fig. 6a-
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b). Thereafter, upon the continuous dislocation absorption, we monitor the
change of the shear band width, w, and plot it as a function of the dislocation
absorption-induced shear, γ. Fig. 6c shows that the shear band broadening in
Cu64 Zr36 prepared at different cooling rates significantly differ from each other.
18

Firstly, a significantly lower critical shear (γ0 = 0.12) is required to form the
420

shear band in Cu64 Zr36 prepared at 106 K/s than that (γ0 = 0.2) required by
the sample prepared at 1010 K/s or above (Fig. 6c). It means that, comparing
with the sample prepared at high cooling rates, the formation of a shear band
in a sample prepared at low cooling rates starts earlier. Secondly, the width of
a shear band in the sample prepared at 106 K/s saturates soon but w almost
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linearly increases with the increase of γ in Cu64 Zr36 prepared at high cooling
rates (Fig. 6c). Thirdly, for γ > 0.2, at the same level of shear strain, the width
of the shear band in Cu64 Zr36 is proportional to the cooling rates. For instance,
when γ = 0.3, the normalized shear band widths in Cu64 Zr36 prepared at 106
K/s, 1010 K/s, 1011 K/s, and 1012 K/s are 0.15, 0.20, 0.24, and 0.32, respec-
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tively. One important finding here is: the dislocation absorption-induced shear
band broadening in Cu64 Zr36 is sensitive to the cooling rates used in the sample
preparations. Such a cooling rate dependent kinetics can be incorporated into
the model parameters through fitting the atomistic data to Eq. (1). The values
of L and w∞ obtained through the data-fitting in Fig. 6c is summarized in the
following Table 1.
Table 1: The STZ-PF model parameters fitted from atomistic data and the standard deviation

R2 during the fitting procedure. Dimensionless lengths are normalized by the Cu64 Zr36 layer

thickness L.

L/L

w∞ /L

R2

0.1798

0.1549

0.935

0.4242

0.2370

0.980

K/s

0.5657

0.2541

0.932

1012 K/s

1.0575

0.3722

0.984

Cooling Rates
106 K/s
1010 K/s
10

11
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3.3. Informing the atomistic data into a continuum-level STZ theory
3.3.1. Measurement of the effective temperature
For further scaling up in length, a connection between the present atomistic
simulation and a continuum-level STZ theory, especially the one based on the
19
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effective temperature concept which enjoys the most popularity in understanding the STZ-mediated plastic flow in amorphous materials, becomes necessary.
The main idea of the effective temperature concept-based STZ theory is to describe the deformation of amorphous materials as the evolution of an effective
temperature field, which is a dimensionless scalar noted as χ and follows the
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definition in [62, 63, 64, 65, 66]
kB ∂Uc
,
(2)
Ez ∂Sc
is the Boltzmann factor, Ez is the STZ formation energy, Uc and Sc
χ=

where kB

are the material’s potential energy and entropy, respectively. For measuring
the effective temperature of the amorphous phase from atomistic simulations, a
coarse-graining strategy described in [67] is deployed here. In details, the domain
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of the amorphous phase is placed on a two-dimensional grid. The effective
temperature on each grid point, χ, is calculated as [67]

Ei − E 0 − E el
Pn
,
(3)
χ=β
i=1 gi
where β is a material specific constant with a unit of the inverse potential energy
Pn

i=1 gi

per atom, n is the number of the atoms neighboring with the grid point under
consideration, Ei is the current potential energy of the i-th atom. E 0 is the
reference energy taken as the average potential energy per atom of the bulk
amorphous as obtained in Fig. 1b; the elastic-strain energy, E el , is calculated
from the linear-elastic strain energy E el =

2
σxy
2Ea ,

where Ea is the Young modulus

of bulk amorphous, gi is the Gaussian function used to weight the contribution
of the i-th atom in the neighbor list of a grid point and follows a form as [67]


2
r2
gi = √
exp − i2 .
(4)
2c
2πc
Here, ri indicates the distance between the continuum point and the i-th
atom within a cutoff range of rcut ; c is the parameter that determines the width
of gi . According to the previous atomistic simulations [67], χ converges when
455

rcut > 3c and d ≤ 0.25c where d is the spacing between continuum points. Thus,
in this work, we choose c = 32 Å, d = 8 Å, and rcut =96 Å.
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Figure 7:

A direct measurement of the effective temperature in amorphous phases from

atomistic simulations using constant value of β (a-c) and a cooling rate-dependent β (d-f).
The correlation between the initial effective temperature and the cooling rates is shown in
(a) and (d). The correlation between the initial effective temeprature and the saturated
shear band thickness is shown in (b) and (e). The effective temperature evolution during the
continuous dislocation absorption into the amorphous phases prepared at two different cooling
rates is shown in (c) and (f). The shear band width/length, w/L, in (b) and (e) is extracted
from Fig. 6c, not measured from the effective temperature distribution in (c) and (f).
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Starting from Eq. (3), we measure the effective temperature in our atomistic
simulations using two different set-ups for β: (i) in one set-up, β is considered
to be a constant of 6.1 as suggested in [67]; and (ii) in the other, the cooling
rate dependence of β is included, which follows a form as
  6
C
−7
β = 2.14 + 3.0 × 10
ln
,
C0

(5)

where C is the cooling rate used for preparing the amorphous phases, C0 = 104
K/s, which is a cooling rate commonly used in experiments. Using these two
different set-up for β, the initial effective temperature distribution and its evo460

lution during the continuous dislocation absorption into the amorphous phases
prepared at various cooling rates are presented in Fig. 7. Clearly, if a constant value of β is chosen for measuring the effective temperature, the curves
in Figs. 7a-b show a trend of the higher cooling rate, the lower initial effective
temperature, and the thicker shear band width. This not only contradicts the
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a commonly agreed intuition for amorphous materials: the higher cooling rate,
the more configurational disorder, and the higher initial effective temperature,
but also is inconsistent with the STZ theory-based prediction [68, 69] the lower
initial effective temperature, the thinner shear band. Such an inconsistency
motivates us to develop a new formula for re-defining the effective temperature
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from the atomistic simulations. The key idea of this new formula is to explicitly
consider β as a function of the cooling rate, as shown in Eq. 5, rather than a
constant. Surprisingly, using this new formula, we found that the correlation
between cooling rate, effective temperature, and shear band thickness (as shown
in Fig. 7a-b) can be reversed. That is, as shown in Figs. 7d-e, a lower initial

475

effective temperature is observed in the sample prepared at a lower cooling rate,
which results in a thinner shear band after deformation. As such, we suggest
that, when connecting the atomistic simulation with a continuum-level STZ
theory becomes a purpose, a great care needs to be taken on how the effective
temperature should be defined and measured using the atomistic data. For in-
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stance, our preliminary practice here has clearly shown that the key parameter,
β, used in the effective temperature measurement should be different for amor22

phous materials prepared at different cooling rates. The physical implications
of such a cooling rate dependent β are: (i) the specific heat of the amorphous
glasses prepared at different cooling rates will differ from each other because β
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is with an unit of inverse potential energy per atom and is directly related to the
specific heat of an amorphous material [67]; (ii) the STZ formation energy, Ez ,
is a decreasing function of the increasing cooling rate, i.e., the higher cooling
rate, the lower Ez . In details, the values of Ez are found to be 0.47 eV and 1.24
eV in the samples prepared at 1011 K/s and 106 K/s, respectively. Here, Ez was
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estimated from Ez = kB Tg /χ∞ . In this equation, kB is the Boltzman constant,
Tg is equal to 760 K and is the glassy transition temperature, χ∞ is the steady
state effective temperature (the values of χ∞ are 0.138 and 0.053 for the samples
prepared at 1011 K/s and 106 K/s, respectively) extracted from Fig. 7d where a
cooling rate-dependent β has been used; and (iii) an incorporation of the cool-
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ing rate dependence into the effective temperature measurement from atomistic
simulations may enable the STZ theory to capture a full range of experimentally
observed behavior, such as the cooling rate-dependent aging, steady-state flow,
and serrated-to-nonserrated transition, in glassy materials under deformation.
3.3.2. Calibration of the STZ transformation rate
In order to predict the micro-structure evolution in A/C-MCs under deformation at the macroscopic level, there is a need to inform the above dislocation
absorption-induced STZ dynamics into the continuum-level theories or computer models, such as the crystal plasticity [23], phase field [24], or the STZ
theory [67, 70]. These models, especially the STZ theories, describe the plastic
flow in amorphous materials using constitutive relations and kinetic rules. For
example, in one recent work [67], the plastic deformation rate, ˙pl
xy , of an amorphous solid subjected to a shear within the xy plane is related with the local
shear stress, σxy , through a constitutive relation


−1
τ0 ˙pl
=
exp
f (σxy ) ,
xy
χ

23

(6)

where τ0 is the atomic time scale and is taken to be 10−15 s, f is the transformation rate and is a function of the local stress, σxy . An analytical form of f
has been proposed in [70]
f (σxy ) = cosh



0 σxy a3
χ





0 σxy a3
σ0
tanh
−
,
χ
σxy

(7)

where a is the atomic radius, σ0 is a controlling parameter, and is related to the
material’s yielding stress, σy , through the following relation [70]


0 σy a3
σ0 = σy tanh
.
χ
500

(8)

Due to its crucial role in the STZ theory, a careful calibration of f from finescale simulations or high-resolution experiments is necessary. However, a direct
experimental measurement of the transformation rate and the local stress in
glassy phases under deformation remains not trivial. By contrast, the atomisticsimulation-predicted relation between NSTZ and Ndis in Fig. 5 provides us with
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an opportunity to calibrate f (σxy ) from the bottom up. In details, firstly, the
number of dislocations, Ndis , is converted to the plastic deformation rate, ˙pl
xy , on
the fly of the simulations. Secondly, upon the arrival and the absorption of each
dislocation, at a material point ahead of the instability band in Cu64 Zr36 , we
measure not only the local stress, σxy , but also the local effective temperature,
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χ. χ associated with that material point is calculated using the newly developed
Eq. (3)for β. at the atomic level.
Combining Eq. (3), Eq. (4), and Eq. (6), the value of f (σxy ) at the material
point ahead of the instability band can be determined on the fly of the continuous dislocation absorption in Cu64 Zr36 . Fig. 8 presents the relevant results
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for Cu64 Zr36 prepared under a cooling rate of 106 K/s and 1011 K/s, respectively. For comparison, the analytical form of f (σxy ) in Eq. (7) is also included.
Figure. 8 clearly shows that the atomistic simulation-based f (s) is zero below a
critical stress but is nonzero above. An incorporation of this finding into Eq. (6)
will naturally lead to the STZ theory-predicted bifurcation behavior of an amor-
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phous material: the plastic strain rate is zero below a critical stress, and nonzero
above. This critical stress is noted as the yield stress of the amorphous phases,
24

Figure 8:

The analytical form, Eq. (7), and its comparison with the atomistic simulation-

based f (σxy ) which may be used as an input in the constitutive relation of a continuum-level
STZ theory for describing the plastic flow in Cu64 Zr36 prepared at (a) 106 K/s; and (b) 1011
K/s.

and is found to be 1.8 GPa for Cu64 Zr36 when it is prepared at a cooling rate
of 106 K/s, and is 1.2 GPa when prepared at 1011 K/s. Combining the knowledge of “the lower cooling rate, the lower initial effective temperature” gained
525

in Figs. 7d-f, here we confirm a previous STZ theory-based prediction [64, 65]:
the amorphous material’s yield stress is a decreasing function of the increasing
effective temperature. If this yield stress is noted as σy , then the single parameter, σ0 , which controls the amorphous material’s bifurcation behavior can be
calculated using Eq. (8). It should be noticed that, in Figure. 8, there exists not
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only a similarity but also a difference between atomistic data and the analytical
form of f (σxy ). Especially, when local stress level is high, the atomistic data
starts to diverge from the analytical form. This may imply that the current
analytical form is inadequate to fully describe the local STZ activities and requires a further calibration. Also, in Fig. 8, we clearly see that, when the local
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shear stress level is beyond the yield stress, f (σxy ) in the sample prepared at a
high cooling rate (Fig. 8b) increases significantly faster and eventually arrives
at a much higher magnitude than that in the amorphous phase prepared at a
lower cooling rate (Fig. 8a). Such a cooling rate-dependent f (σxy ) in Fig. 8 is
believed to originate from the distinct material microstructure between those
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Figure 9:

The local yield stress, σy , of the amorphous phase as a function of distance away

from the interface. The circles indicate the atomistic data, and the dash lines are obtained
through fitting the atomistic data into Eq. (9)
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two samples.
Figure. 8 provides us with a strategy of measuring the local yield stress, σy ,
at one material point ahead of the dislocation-ACI intersection. In the same
manner, the yield stress at a series of material points away from the interface
can be also characterized. Its distribution as a function of the distance away
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from the interface is plotted in Fig. 9. Clearly, no matter the amorphous phase
is prepared at a low cooling rate of 106 K/s or a high cooling rate of 1011
K/s, our atomistic simulations agree with an STZ theory-based finding [70]:
the amorphous material is weaker near the ACI. Moreover, the atomistic data
obtained here can be used to calibrate the material model in [70]. Similar
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to Eq. (45) in [70], here we propose a mathematical expression as following to
describe the change of the material’s yielding stress as a function of the distance
away from the ACI:
σy (x)
= p1 − ep2 +p3 x
Ea

(9)

where x is the distance away from the interface in angstroms, p1 , p2 , and p3 are
the model parameters, and Ea is the Young’s modulus of the amorphous phase.
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Comparing with the Eq. (45) in [70], Eq. (9) is more general because it not
only reasonably describes the local yielding stress as a function of the distance
away from the ACI, but also incorporates the cooling rate dependence of a local
yielding into the model parameters of p1 , p2 , and p3 . The values of them can be
obtained through fitting the atomistic data into Eq. (9), and are summarized in
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the Table 2.
Table 2: The p1 , p2 , and p3 parameters in Eq. (9) fitted from the atomistic data in Fig. 9.

Cooling Rates

p1

p2

p3

10 K/s

0.060

-3.734

-1.305

1011 K/s

0.058

-3.415

-2.005

6

3.3.3. Calibrating the effective temperature diffusion coefficient and bridging
atomistic to continuum
In addition to its usage in calibrating the shear transformation rate, the
atomistic simulation-based effective temperature evolution can be also used to
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extract a so-called effective temperature diffusion coefficient, noted as D. This
parameter can be fed into a diffusion equation in STZ theories to describe the
plastic deformation of the amorphous phase in an amorphous/crystalline metallic composites under deformation [70].



dχ
∂2χ
= Da2 ˙pl 2 ,
(10)
dt diff
∂x
where D is the effective temperature diffusion constant, a is the atomic diam570

eter, and x is the dimension orthogonal to the interface. Our atomistic data
shows that the effective temperature diffusion coefficient, D, is cooling rate dependent, rather than a constant. The values of D are found to be 5,000 and
20,000 in the amorphous Cu64 Zr36 prepared at cooling rates of 106 K/s and 1011
K/s, respectively. Using these atomistic simulation-based diffusion constants as
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inputs, Eq. (10) can be numerically solved. During the continuous dislocation
absorption into the amorphous phases under an applied shear strain, the effective temperature distribution as a function of the distance away from the
27

Figure 10:

The effective temperature diffusion, χ, across the Cu64 Zr36 prepared under a

cooling rate of (a) 106 K/s and (b) 1011 K/s. The solid curves are obtained from atomisitc
simulations, and the dash lines with markers are the numerical solutions from the STZ theory
using Eq. (10) where the atomistic data serves as the initial and boundary conditions.

interface is obtained. The results are plotted in Fig. 10 and agree well with
that from the fully atomistic simulations. A comparison between Fig. 10a and
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Fig. 10b also shows that the effective temperature diffuses significantly more
slowly in Cu64 Zr36 prepared at a low cooling rate than it does in a fast-cooled
sample. This is physically reasonable and provides us with confidence on informing the atomistic data into the continuum-level computer models for simulating
the plastic deformation behavior in amorphous materials or relevant composites
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using the effective temperature concept-based STZ theories.
To briefly summarize Section 3.3, a series of atomistic simulation-informed
constitutive relations and kinetic rules, which take into account of the effects
of cooling rates on the deformation behavior in glassy phases, are calibrated
here. They can be then informed into the STZ theory. This may in turn, enable
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the prediction of the microstructure evolution in a plastically deformed A/CMCs at the continuum level, if supplemented with a criterion for detecting the
dislocation absorption-induced instability, which is believed to be controlled by
the local stress states and is discussed in the following two sections.
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3.4. Local stress state ahead of the dislocation-absorption-induced instability in
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metallic glasses
In this section, we analyze the local stress field ahead of a continuous dislocation absorption-induced instability in metallic glasses using the atomic Virial
stress [32, 33] described in Eq. (11) and the direct mechanical stress definition
expressed in Eq. (12)
Pot
σVirial
(x) =

αβ
σMechanical
(x) =

1X
2
k,l
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Z

1 X
h
Fkl rkl i,
V

(11)

k,l

Lkl

α β
Fkl
δ̄A (φ − x) dφeα eβ ,

(12)

where Fkl and rkl are interaction force and separation distance between atoms
β
k and l, and δ̄A
(φ − x) is the averaged Dirac delta over a surface element with

area A. The normal direction of this area is noted as β.
Although the Virial stress formula has been widely used in MD to measure
the local stress in an atomistic system, recently both analytical and numerical
605

works [34, 35, 36] have shown that the Virial stress formula is distinct from
Cauchy stress, and does not satisfy momentum conservation law [64, 65]. The
Cauchy stress measures the force per unit area, whereas the Virial formula, the
potential part of which is given in Eq. (11), calculates the product of interatomic
forces and distances, i.e., Fkl rkl , per unit volume. This distinction suggests
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that the Virial formula may not be appropriate for measuring the local stress
in inhomogeneous materials, which has been intensively discussed in [66, 71,
72]. A formula different from the Virial stress was derived by Chen and her
co-workers [34, 35, 36] using a formalism that extends the Irving-Kirkwood
procedure in deriving microscopic fluxes as ensemble averaged point functions
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[73, 74, 75] to instantaneous quantities. This formula was proved to recover
the continuum definition of Cauchy stress at the atomic scale and satisfy the
conservation laws. The potential part, which is given in Eq. (12), is identical
to the mechanical stress defined by Cheung and Yip [32], i.e., the interatomic
forces per unit area acting across a surface element. In this work, Eq. (12)

620

is employed to quantify the local stress ahead of the dislocation absorption29

Figure 11: The stress field ahead of the tip of the dislocation absorption-induced instability
band in metallic glasses: (a) the set-up of the volume elements for the local stress measurements using Virial and a recently developed mechanical stress formula [34, 35]; (b) when four
and (c) nine dislocations are absorbed at the ACI.

induced instability in Cu64 Zr36 . Different from the atomic stress in crystalline
materials, in which a local volume is associated with each single atom, the stress
tensor in amorphous materials is usually obtained through a ‘coarse-graining’
procedure on different length scales using two most popular approaches: (i)
625

introducing a ‘coarse-graining’ function, e.g., a Gaussian, to smooth the kinetic
and potential contributions over a desired length scale [76]; and (ii) partitioning
the simulation cell into multiple sub-volumes, and only those atoms residing in
that volume contribute to the local stress tensor of the region [31]. In this work,
the second approach is employed.
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Firstly, we subdivide the Cu64 Zr36 domain of the simulation cell into 1200
rectangular volume elements. Each volume element has a dimension of 0.5 nm
× 0.5 nm in plane and contains ∼ 160 atoms. In order to evaluate the stress
associated with each finite-sized volume element using Eq. (12), the total interatomic force across each face of the volume element is computed. Thereafter,
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the αβ-th component of the stress tensor on the volume element is calculated as
the α-th component of the total force averaged by the area with its normal along
the β-th direction (α = 1, 2, 3; β = 1, 2, 3). As an example, Fig. 11a shows a
sketch of the mechanical stress components, σx , σy , and τxy , on a square element
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β
in a two-dimensional set-up. In this sketch, the area-average, δ̄A
, in Eq. (12)
640

y
x
will be reduced to a length-average over element edges, noted as δ̄A
and δ̄A
.

By this way, the local stresses in volume elements containing different number
of atoms can be measured. The obtained result can be compared against the
Virial stress. The atomic strain distribution in Fig. 11b-c shows that a material
instability band initiates at the dislocation-ACI intersection. This band then
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propagates along a plane of the maximum shear stress. In order to examine how
the transient local stress state controls the material instability, here we plot the
local shear stress distribution ahead of the tip of the instability band when four
(Fig. 11b) and nine (Fig. 11c) dislocations are absorbed. It is seen that the
instability of Cu64 Zr36 creates a long-range (∼ 15 nm) stress field ahead of the
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instability band. The local shear stress concentration at the tip of the instability
band achieves a high level of ∼ 2.5 GPa. Such a high local stress may provide
a driving force for the rapid growth of one dominant instability band.
The stress field induced by a localized irreversible event in solids is usually
referred as an Eshelby field and decays by power laws. Fig. 11b-c show that the
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stress field ahead of the instability band is similar to the local stress field near
a dislocation core or a crack tip, the former of which induces an r−1 -type while
the latter induces an r−1/2 -type stress field. In Cu/Cu64 Zr36 under a plastic
shear, when multiple dislocations are absorbed at the same site, the local stress
concentration can be much higher than the applied stress no matter the Virial

660

or the mechanical stress formula is deployed. Also, consistent with our previous
findings in [36], the atomic Virial stress (black circles in Fig. 11b-c) is found
to underestimate the shear stress concentration comparing with that from the
mechanical stress calculations (blue circles in Fig. 11b-c). One reason for such an
underestimation is that a volume average always decreases the peak stress near
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a region where a fast change in the stress field occurs, e.g., the region close to a
crack tip, a dislocation core, or the tip of an instability band. Moreover, we are
aware of that, when the plastic strain carried by the dislocations is continuously
transferred into the amorphous phase, the plastic flow in Cu64 Zr36 is actually
controlled by a multi-axial local stress state in general, rather than the applied
31
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shear stresses alone. The discussion to be presented in the following section
will demonstrate that, the unique feature of the mechanical stress formula in
recovering the full local Cauchy stress tensor enables us to accurately calibrate a
thermodynamic-consistent criterion, e.g., a Mohr-Coulomb criterion [30]. This
criterion can be used in a continuum-level model for detecting the instability in
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A/C-MCs under deformation.
3.5. Calibration of the criterion for a local stress-controlled instability in glassy
phases
When dislocations are absorbed, the plastic strain carried by them are transmitted into the amorphous phase. It leads to the deformation of the glassy materials under a multi-axial stress. The continuous dislocation absorption at the
same site of the ACI in Cu/Cu64 Zr36 offers us an opportunity to characterize
the local stress-controlled instability in A/C-MCs on the fly of the simulation.
At the macroscopic level, the occurrence of the instability in metallic glasses is
often described in terms of the Mohr-Coulomb criterion [30]. This criterion suggests that a glassy material yields under a combined shear and normal stresses,
τ and σ. Mathematically, it is expressed as
τ = τ0 − ασ,

(13)

where τ0 is a critical shear stress at which the amorphous phase yields in the
absence of any normal stress, and α is a friction coefficient that quantifies the
680

effects of a normal stress on the yielding behavior. The form of Eq. (13) was
originally developed for granular materials yielding, where the normal stress
impedes the particle sliding with respect to each other. Hence, α represents
an effective friction coefficient. When α = 0, the Mohr-Coulomb criterion in
Eq. (13) reduces to the widely-used Tresca criterion.
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In order to examine the applicability of such a yielding criterion in detecting
the local instability in glassy phases, during the continuous dislocation absorption, we measure the instantaneous local shear stress, τ , and also the local
normal stress, σ, at the tip of an instability band (Fig. 12a). The instability
32

band tips are tracked through a threshold in the mean-squared non-affine atomic
690

displacement. Ahead of the band tip, the volume element with an edge length
of l = 0.5 nm is constructed (Fig. 12a). Corresponding to each dislocation absorption event, an instantaneous local stress state, τ and σ, are measured using
the Virial and mechanical stress formula. Although the local stress fluctuation
associated with the structural heterogeneity can be substantial, Fig. 12b-c show
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that the atomic shear stress, τ , approximately has a simple linear relationship
to the normal stress, σ. Thus, the instantaneous local stress state obeys the
functional form of the Mohr-Coulomb criterion. Linear fits to the scatter data
of τ and σ capture the trend rather well. For the Cu64 Zr36 prepared under a
cooling rate of 106 K/s, the friction coefficients are found to be α = 0.18 and
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α = 0.35, respectively, when different formula are used for the local stress measurement (Fig. 12b). This is consistent with what has been found by Lund and
Schuh in 2004 [77], who suggested a range of Mohr-Coulomb internal friction
coefficient of α = 0.12-0.40. We also notice that, comparing with the Virial
formula, the deployment of a mechanical stress formula always produces a lower
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friction coefficient. More surprisingly, the friction coefficient extracted from the
mechanical stress calculation agree with the macroscopic-level experimental results [78] reasonably better than that from the Virial stress calculation. In the
same manner, we also investigate the dislocation absorption-induced instability in Cu64 Zr36 prepared under a very high cooling rate of 1011 K/s. Fig. 12c

Figure 12: Calibration of a criterion for detecting the metallic glass instability induced by a
continuous dislocation absorptions at the ACI in Cu/Cu64 Zr36 under a plastic shear: (a) the
setup of a volume element for measuring the local shear and normal stress, τ and σ, ahead
of the tip of an instability band; (b) the correlation between τ and σ ahead of the tip of an
instability band in Cu64 Zr36 prepared under a cooling rate of 106 K/s and (c) 1011 K/s.
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presents the obtained τ -σ correlation. The friction coefficients in the MohrCoulomb criterion for such a super-cooled glassy phase can be calibrated as α =
0.02 and α = 0.10 when a mechanical and Virial stress formula are respectively
used. These values are significantly lower than that, α = 0.18 and α = 0.35, in
Cu64 Zr36 prepared at the cooling rate of 106 K/s. Hence, the yielding of a “fast-
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cooled” Cu64 Zr36 is mainly determined by the shear stresses while the effects of
a normal stress are nearly negligible (Fig. 12c). The effects of normal stresses, σ,
on the yielding behavior of metallic glasses are closely related to its processing
history and microstructure: the lower cooling rates, the denser ICOs, and the
larger friction coefficients. In other words, for a glassy phase prepared at a rel-
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atively low cooling rate, the slight increase/decrease of the tensile/compressive
normal stress may significantly promote/suppress its instability.
The data presented in Fig. 12 show that the local shear and normal stresses,
τ and σ, averaged over a finite-sized volume element satisfy the functional form
of the Mohr-Coulomb criterion. However, it is not fully clear whether such a
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criterion will be valid on all the relevant length scales. To answer this question,
here we investigate how the τ -σ correlation depends on the resolution, i.e., the
dimension of the volume element, l, involved in the local stress measurement. We
subdivide the Cu64 Zr36 domain into cubic volume elements with two different
sizes. One is in a dimension of l = 0.5 nm and the other is in a size of l = 1.0
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nm. By this way, we can analyze the local stress states at different levels of
‘coarse-graining’ when the Cu64 Zr36 is strained to the yielding point. When a

Figure 13:

Calibration of the resolution dependence of the friction coefficients, α, in the

Mohr-Coulomb criterion for Cu64 Zr36 (prepared under a cooling rate of 106 K/s) using (a)
the mechanical and (b) the Virial stress formula.

34

mechanical stress formula is used, Fig. 13a shows that the stress data for both
scales, l = 0.5 nm and l = 1.0 nm, falls along the straight lines and fits to
the Mohr-Coulomb criterion with friction coefficients being α = 0.18 and α =
735

0.15, respectively. Similarly, an analysis of the scatter plots of τ and σ from
the Virial stress calculations at l = 0.5 nm and l = 1.0 nm also shows that all
data points fall onto straight lines but with different friction coefficients of α =
0.35 and α = 0.30 (Fig. 13b). No diverging from the linear τ -σ correlation has
been observed at those two different length scales. The results imply that the
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Mohr-Coulomb criterion has a reasonable predictive power over plastic events
in metallic glasses on length scales of 0.5 nm and above. However, it is observed
that, when the resolution for the local stress measurement is reduced from l =
1.0 nm to l = 0.5 nm, the range of the stress fluctuation broadens (Fig. 13a-b).
It is expected that the stress data for the smallest level of ‘coarse-graining’, i.e.,
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a small volume element containing only a single or a few atoms, may scatter and
largely deviate from a linear trend in the Mohr-Coulomb criterion. Although we
are simulating the yielding of metallic glasses here, we believe this conclusion
may be transferrable to a variety of amorphous solids, such as polymer glass or
many other mixtures of particles interacting via Lennard-Jones or other short-
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range forces.

4. Summary and discussion
To summarize, through atomic-level computer simulations, here we attempt
to build the connection between microstructure, plastic flow, local stress states,
and yielding in a typical amorphous/crystalline metallic composite (A/C-MC),
755

Cu/Cu64 Zr36 , on a firm atomistic basis. We gain insights into the atomic processes responsible for the co-deformation of crystalline and amorphous phases
through:
(i) Characterizing the atomistic structure of the amorphous-crystalline interfaces (ACIs) in Cu/Cu64 Zr36 prepared at different cooling rates ranging

760

from an experimentally-comparable value of 104 K/s to 1013 K/s;
35

(ii) Probing the dislocation absorption-induced micro-structure evolution in
Cu/Cu64 Zr36 under deformation;
(iii) Correlating the number of the absorbed dislocation with the fraction of
the activated STZs in Cu64 Zr36 ;
765

(iv) Measuring the atomic-level local stress at the tip of a dislocation absorptioninduced instability band.
Our several major findings are:
(a) The ICOs in Cu64 Zr36 prepared at 1013 K/s are scattered, but form networks
in Cu64 Zr36 cooled at 104 K/s;
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(b) The continuous dislocation absorption-induced instability in Cu64 Zr36 occurs through a three-stage process, i.e., the STZ activation in between the
ICOs, the coalescence of STZs, and the ICO fragmentation;
(c) The STZ formation energy in glassy phases is a decreasing function of the
increasing cooling rates. In details, Ez = 0.47 eV and Ez = 1.24 eV for
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Cu64 Zr36 prepared at 1011 K/s and 106 K/s, respectively;
(d) The number of the absorbed dislocations is correlated with the number of
the atoms participating STZs.;
(e) The dislocation absorption-induced instability in Cu64 Zr36 is controlled by
the local stresses and is found to follow the Mohr-Coulomb criterion. The
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friction coefficient in the Mohr-Coulomb criterion depends on the material
microstructure, the formula and also the resolution deployed in the local
stress measurements.
Other than that, a connection between the above atomistic results and
the effective temeprature concept-based STZ theories has been also attempted
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through: (1) a direct measurement of the effective temperature, a key quantity in STZ theories, from atomistic simulations; (2) a correlation between the
cooling rates, the effective temperature, and the dislocation absorption-induced
shear band thickening, and a comparison of it with the STZ theory-based predictions; (3) a new formula of re-defining the effective temperature at the atomic
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scale by considering its dependence on the cooling rates; (4) the calibration of an
36

effective temperature diffusion constant, which describes how fast the plasticity
flows from crystalline to amorphous phases, and an incorporation of it into the
STZ theory. By this way, the dislocation-interface reaction in A/C-MCs under
deformation may be described as a diffusion of the effective temperature across
795

the ACI; (5) a characterization of the shear transformation rate, f (s), which is
a function of the local stress and a key input of the STZ theory, from atomistic
simulations, and examining its difference from the analytical form of f (s). The
above practices provide a preliminary guidance on how to calibrate the material
models and the model parameters in a continuum-level STZ theory using the

800

atomistic data; (6) the calibration of a single parameter, σ0 , which controls the
amorphous materials bifurcation behavior in STZ theories, from an atomistic
simulation-based f (s).
These results may be utilized to achieve:
(1) A desirable smoother structure transition at the interface in Cu/Cu64 Zr36
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through combining Cu with Cu64 Zr36 prepared at a lower cooling rate, in
which the short-/medium-range order of the ICO structures in Cu64 Zr36
gradually compromise with the long-range order in Cu near the amorphous/crystalline interface;
(2) A methodological manipulation of the three-stage deformation process through
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a fine control of the dislocation activities in Cu, the thermal processing history, or the chemical composition of the Cux Zr1−x ;
(3) A set of atomistic-informed constitutive relations, kinetic rules, and instability criterion that can be used in continuum-level computer models for
predicting the mesoscopic-level microstructure evolution in plastically de-
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formed A/C-MCs, where dislocations, STZs, and shear banding entangle
with each other.
Although the atomistic analysis reveals insightful trends and sheds light on
the mechanisms underlying the deformation behavior in A/C-MC subjected to
a mechanical loading. Before concluding this paper, we shall point out that
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the present simulations do not reproduce all the details about the dislocation37

interface reactions in A/C-MCs under deformation. On one hand, when an
A/C-MC is subjected to a loading, there indeed exist two possibilities: (i) the
crystalline; or (ii) the amorphous phase, deforms first. For the first situation,
the major concern will be: how the amorphous phase accommodates the plastic
825

flow when the dislocations generated in crystalline phases arrive at the ACI?
This is also the primary focus of the present work. For the second situation, the
major concern becomes: how the crystalline layer accommodates plastic deformation when the shear band generated in amorphous phase reaches the ACI?
We are aware of the importance of this topic, and have recently performed a se-
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ries of atomistic simulations of tri-layered Cu/CuZr/Cu under deformation. Our
preliminary results show that, when the shear band arrives at an ACI, it may
trigger simultaneous dislocation nucleation on multiple adjacent slip planes in a
Cu layer due to the finite width of a shear band. We believe that the interaction
between a shear band and the ACI deserves an extensive and comprehensive re-
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search in a separate manuscript, and thus do not include it into the present work
at this stage. On the other hand, the atomic-level computer simulations should
never be considered to be perfectly sufficient in determining a truly general
processing-structure-property relationship for such a complex material system.
We have no doubt that some of our observations here might not be exactly
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the same as that in reality due to the artifacts induced by the computational
set-up. In particular, atomistic simulations are limited in length scales. The
small simulation cells may suppress the relevant larger-scale features of a dislocation absorption-induced instability in real-word A/C-MCs. Although the
dislocations most likely will not pile up at the ACI because they can be easily
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absorbed by the amorphous phases, the long-range stress or strain gradient associated with those dislocations approaching the ACI may still play important
roles in the STZ percolation. As such, despite of its power in revealing the
atomic-level deformation mechanisms, the atomistic simulation presented here
are not intended to reproduce all the exact experimental observations. Map-
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ping the computationally-revealed mechanisms to the experimentally-observed
behavior of A/C-MCs necessitates a multiscale computational framework that
38

can span several disparate lengths scales ranging from angstroms, to nanometers, microns and even above.
We argue that our recently developed concurrent atomistic-continuum (CAC)
855

method [79, 80, 81, 82, 83, 84, 85], if not the best, may provide an alternative
strategy of scaling up in lengths for modeling the plastic flow in A/C-MCs.
Fundamental to the CAC method is an atomistic field formulation that unifies
the atomistic and continuum description of materials [72, 86]. This formulation generalizes Kirkwoods statistical theory of transport processes [73, 74, 75]
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by including a two-level description of crystalline materials. Those equations
in this formulation are identical in form to the differential equation in continuum mechanics. Thus, continuum modeling techniques, such as finite element
(FE), can be used to solve for the atomic displacement field. The utilization
of coarse elements in regions where the material deforms cooperatively leads to
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a coarse-grained (CG) atomistic description of materials [87, 88].Distinct from
the effective temperature-based description of dislocations in [70], the CG model
can explicitly retain the atomistic core structures of micrometer-long dislocation
lines at a significantly less cost than that by a fully atomistic model. CG was
demonstrated to be successful in capturing the complex dislocation activities in
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a broad range of metallic materials at the micrometer level [87, 88].
The combination of CG and atomistic results in a CAC model. One main
novelty of CAC is to bridge the relevant length scales through resolving the

Figure 14:

(a) A sketch of CAC for modeling the Cu/Cux Zr1−x from the atomistic to the

microscale; (b) a variety of mechanisms for the interactions between dislocations and the ACI
[14, 15, 16, 17, 18, 19, 20, 21, 22].

39

material interface at an atomistic resolution while the lagging dislocations away
from the interface in a CG description (Fig. 14). Such a computer model is
875

multiscale in nature and was shown to be effective in predicting the reactions
between a sequential dislocation and the grain boundaries in metallic materials from the atomistic to the sub-micron level [81]. These results demonstrate
that CAC has a potential to be applicable to characterize the interplay between
the long-range dislocation-mediated plastic flow and the atomic-scale interface
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structure evolution in amorphous/crystalline metallic composites. It will expand the atomistic-simulation-based predictive capability from nanometers to
micrometers and may enable us to test one hypothesis: with a fine control of
the applied plastic shear strain at the macroscopic level and the interface structure at the nanoscale, the dislocation-ACI reaction might be manipulated. A
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manipulation of the coupled dynamics between dislocations and STZs, if succeed, may allow us to not only suppress the STZ-induced instability, but also
promote the synergy of several other mechanisms, such as crystallization or alloying [14, 15, 16, 17, 18, 19, 20, 21, 22] (Fig. 14b), to further toughen this
material system. The test of this hypothesis will be conducted and reported
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in our future work. The gained knowledge is expected to provide the support
for a rational design of simultaneously strong and tough materials applied in a
variety of safety-critical engineering infrastructures.
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